Introduction
Oxide dispersion strengthened (ODS) steels are potential next-gen materials for fuel cladding tubes at nuclear power plants. For the engineering application and further developments of desired steels, it is urgent to understand the key mechaism of their superior properties against neutron irradiation and high temperature. Starting from the pioneering report for alloying elements and mechanical alloying process of ODS steels in 1989, 1) experimental studies have revealed the relationship between internal microstructure and mechanical properties, 2) improvement of tensile and creep properties by extremely fine YTiO clusters with Ti addition, 3) quantitative evaluation of nanosized oxides, 4) and so on. The fine oxides, of a few nanometer size, are expected to prevent the free dislocation motion so far; however, due to the complexity of mechanical alloying and recrystalization process, it is still difficult to show the direct evidence even with the recent advancement of experimental technique such as TEM in situ test.
Computational approach would be one answer to tackle these difficulties. In the field of physics of crystal plasticity, various dislocation-obstacle problems have long been discussed using molecular dynamics (MD) and discrete dislocation dynamics (DDD) simulations; 5, 6) and we have also discussed the dislocation motion in £=£ 0 microstructure in Ni-based superalloys. 7, 8) However, there is no suitable potential function which can represent all the bonding state, i.e. metal, ion and covalent systems with sufficient number of atoms needed for deformation simulation. Of course the abinitio density functional theory (DFT) calculation can treat mixing of any atom species, however, the calculation is so far limited to very small system at most a few hundred atoms. Thus quite a few atomistic simulations can be found for ODS steels except for lattice Monte Carlo (LMC) simulation, in which atom position is restricted on regular lattice site, so that the limited combination of local bonding can be precisely determined by ab-initio DFT calculation. Alinger et al. 9) performed the LMC simulation of FeYTiO system and discussed the structure and morphology of precipitated nanocluster. Hin et al. 10) simulated more realistic precipitation by kinetic LMC, considering the different diffusion mechanism (O atoms by interstitial jumps and Fe and Y atoms by vacancy jumps). Both studies apply finer lattice mesh than the usual bcc lattices and their results should be appreciated as accurate prediction based on DFT data. However, we would confront to drastic increase in the combination of local bonding if we applied these DFT-LMC analysis to many alloy elements system for real ODS steel design. Moreover, we never apply these DFT-LMC scheme to disordered structure, such as dislocations and grain boundaries, since we should consider enormous mesh much more than the number of atoms involved.
From an engineering point of view, we need an atomistic simulator in which the potential functions have differentiable form for dynamic simulation and they are also easy to fit for new elements interest. The 2-body potential form is the simplest way and there are many resources fitted for various elements; however, obviously we would fail to represent the bonding between oxygen and metallic atoms if we fitted them separately in the 2-body form. Thus, in the present study, we don't distinguish the Y and O atoms in Y 2 O 3 crystal but treat as "monatomic" pseudo-atom of YO, and the potential parameters are fitted to the DFT results of explicit Y and O aoms in hcp lattice. By virtue of this rough approximation, we can easily implement atomistic simulation using conventional resources, e.g. Johnson potential parameters for Fe, 11) keeping the rough characteristics of oxides such as lattice parameters and bulk modulus. Although we cannot validate the physical meaning of the isolated pseudo-atom nor discuss the formation and structure of new oxidation products, we can perform various molecular dynamics simulations of Kresse and Hafner. 12) Although the Y 2 O 3 , M 2 X 3 type metal oxide, is reported to form the C-rare earth oxide structure, 13) it is very difficult to directly consider such a low-symmetric irregular structure by DFT calculation. Thus we have roughly approximated the structure of Y 2 O 3 by simple hcp lattice, which is close to the corundum structure or the second candidate of M 2 X 3 metal oxide. Figure 1 shows the rhombohedral unit cells for hcp lattice. The supercell for DFT calculation has one Y-atom and one O-atom at the lattice point as shown in Fig. 1(a) . Keeping the atom position at the lattice point, or statically, we have changed the lattice parameter a and performed DFT calculation to obtain the energylattice parameter curve. The ultrasoft pseudopotential 14) is adopted and the exchange correlation term is treated in the formulation of GGA (generalized gradient approximation).
15) The cutoff energy and number of k points are 296.9 eV and 15 © 15 © 15, respectively.
Johnson potential expresses the system energy, E tot , by the following form:
here r ij is the distance between atoms i and j, and the potential parameter C 1 C 4 should be found for yttrium oxide. We have expressed the infinite hcp crystal with monatomic YO pseudo-atoms in Fig. 1(b) under the periodic boundary, and fitted its energy change to the DFT result ( Fig. 2 ). By this fitting process, the equilibrium lattice length and the bulk modulus, or energy change rate against lattice expansion/ compression, are precisely represented for monatomic YO pseudo-atoms. On the FeYO interaction, simple arithmetic average rule is adopted, i.e., ðC
All the potential parameters are listed in Table 1 .
Simulation models
Two screw dislocations with opposite Burgers vectors are introduced in bcc Fe as schematically shown in Fig. 3 . Each cell has 840 000 and 835 200 atoms, respectively. In the initial configuration, we applied gradual displacement between slipped and non-slipped region as schematically illustrated in the figure, and its width is four unit lattices in each crystal orientation. The initial structure is relaxed by 10 000 fs molecular dynamics simulation under the periodic boundary conditions in the x and y axes, i.e., dislocation line and glide directions, and fixed boundary in the z axis at the top and bottom with each 3 atom layer. The temperature is controlled very low at T = 0.1 K by velocity scalling, since we want to eliminate the thermal effect at the present basic simulations. The cell size is also adjusted to cancel the normal stress during the relaxation.
Then we have set two obstacles in the simulation cell as shown in Fig. 4 , which indicates the outer radius of the obstacles, R, distance to the dislocation, d, and the margin of the interface for incoherent precipitates, ¤. We add the marks of and to indicate the screw character or the lattice discrepancy direction. Both the distance d and radius R are set to 2 nm in the present paper. We can simply substitute Fe atoms with YO pseudo-atom in the radius R for coherent precipitation; however, we have wide variety for incoherent precipitation, e.g. the crystal axis of the precipitate and width of interface. For the simplicity, the hcp YO ball is oriented in the [1000], [01 10] and [0001] for the x, y and z axes, respectively, and the width of interface or margin ¤ is set to 0.2 nm. Here the margin of 0.2 nm is the overlapping limit of FeFe bonding of Johnson potential. We also considered the hollow of radius R = 2 nm. The simulation models are summarized in Table 2 . These structures are relaxed during 20 000 fs calculation after setting the obstacles, confirming that the dislocation doesn't move without external loading. Then the zx shear strain increment of ¦£ zx = 1.0 © 10 ¹6 is applied at every step, up to the total strain of £ zx = 0.05 during 50 000 fs. The shear direction is that of resolving the initial lattice discrepancy, so that the dislocations approach to the obstacles. Here, it should be noted that the dislocation doesn't move up to the strain of about 0.1, if the simulation cell doesn't include these obstacles. After reaching the maximum strain, we stopped the strain increase and held the shear during additional 20 000 fs. Figure 5 shows the stressstrain curves of all the simulations. The first yield or the limit of the linearity corresponds to the point when the screw dislocations start to glide. There is no large difference in the stress strain curves in each glide plane, even if we don't set the oxide in the hollow. All the dislocations passes through the obstacles without remarkable resistance in the f 1 12g slip, while they bypass the obstacles by cross slip in the f 110g models as shown later. Figure 6 shows the motions of screw dislocations in the simulation of f 1 12g slip plane. The dislocation core and hollow surface are visualized by a simple criteria of ¦E = E ¡ ¹ E 0 > 0.02 eV, here E ¡ is the potential energy of atom ¡ and E 0 = ¹1.48995 eV is that in the equilibrium bcc lattice at T = 0 K. We can also obtain same figures by central symmetrical parameter of AtomEye, 16) except the coherent YO atoms. The screw dislocations leave no defect and annihilate each other, after cutting through the coherent precipitates in Bcc20A. On the other hand, we can find that screw dislocation leaves Saturn-ring like defects when it passes through the channel between the periodic array of the oxides [Figs. 6(b) and 6(c)], drags dislocation junction when it escapes from the oxides [ Fig. 6(d) ] and finally annihilates leaving the tail-like defects at the center [ Fig. 6(e) ]. Definitely the ring is not brought by the Orowan loop mechanism. Since the dislocation shows very similar motion against the hollow in Void20A, we can conclude that this is not the effect of the oxide but the incoherent interface/free surface of the hollow. That is, the screw dislocation is split to have its ends on the interface/surface of the obstacles. We confirmed it from both the change in the von Mises shear strain on the glide plane and the actual motion of YO atoms in Bcc20A and Hcp20A; i.e., the incoherent oxide changes its shape not by the passage of screw dislocation but by the migration of surface atoms of the hcp ball, while the coherent oxide is actually cut and shifted at the center glide plane. Careful observation on these defects reveals the following facts; (1) these defects are generated on the glide plane, (2) the Saturn ring has vacancy character while the tail interstitial, (3) these defects are not caused only by the periodicity since the location is not doubled even if we doubled the simulation cell in the x direction. Finally we obtained the conclusion summarized in Figs. 79 ; the most important point is that the screw dislocation should leave vacancies, if it changes its length in the finite lattices between the obstacles (Fig. 7) . Perhaps this simple fact is not recognized in the dislocation theory, since the dislocation loop can change its form in the infinite body. Even though Fig. 7 shows only the case for dislocation shortening, it is also true for the elongation after passing the narrowest channel. Figure 8 is the explanation for the difference of the small and large ring, or the different characters of dislocation ends at the interface/surfaces. Of course there is no difference in the "intrusion" and "extrusion" for the hollow surfaces without external loading; however, there would be a slight difference between "push in" and "push out" the lattices under shear. Although we cannot show the clear evidence, it would be supported by the fact that the rings in Void20A are rather symmetrical compare to those in Hcp20A. The last Fig. 9 is for the tail-like interstitials; that is, the dislocation would have a lattice discrepancy due to the vacancies of large ring, if the dislocation ends were re-connected and going to glide from the tail of obstacles. Thus the re-connected dislocation drags junction with edge dislocation like interstitials. The longer tail defects in Hcp20A would support this mechanism, since the overshoot of the large ring is quite long compare to that in Void20A. However, this mechanism may contain the periodicity problem so that we don't insist on the significance so far. Finally we show Fig. 10 of the dislocations and defects after 20 000 fs holding at £ zx = 0.05 in the f 1 10g slip, by the central symmetry parameter of AtomEye. At the yield point in Fig. 5(b) , the screw dislocations begin to glide not on the center f 110g slip plane but in the tilt directions each other. That is, the left dislocation in the side view of Fig. 3 glides toward the top of the left obstacle, while the right the bottom of the right one. The reason why all the models shows same tendency would be related to the three fold core structure of bcc screw dislocation. 5) In Fig. 10 (a) of coherent oxide, the dislocations perfectly bypass the oxide leaving jogs and some defects on the interface. The jogs are generated at the kink of dislocation in the cross-slip process. On the incoherent/ hollow models of Figs. 10(b) and 10(c), the left dislocation is trapped at the obstables and it resembles each other; however, the right dislocation shows thoroughly different behavior. That is, the right dislocation is also trapped at the incoherent oxide and forms an entanglement near the oxide as indicated by arrow in Fig. 10(b) , while it succeeds to bypass the hollow in Fig. 10(c) as same as the coherent case of Fig. 10(a) . The entanglement would be related to the vacancy formation mechanism explained in Fig. 7 ; however, it is rather complicated since it accompanies the cross-slip. The difference in the left and right dislocations would be attributed to the fixed boundary at the top layer; they keep the gradual displacement in the initial configuration so that the left dislocation, approaching the top boundary, may be decelerated while there is no large difference in the coherent model of Fig. 10(a) . Nevertheless, the formation of dislocation entanglement observed in Fig. 10(b) would be one aspect for dislocation trap by Y 2 O 3 oxide.
Results and Discussion

Conclusion
With the rough approximation of "monatomic" pseudo Y 2 O 3 oxide, we have performed various molecular dynamics simulations on the interaction between screw dislocation and nano-obstacles in bcc Fe. Screw dislocation gliding on the f 1 12g slip plane leaves "Saturn ring" vacancies around 2 nm oxide of incoherent hcp as well as the same size hollow. Careful investigation on this mechanism reveals the simple but significant fact; the screw dislocation, which is split to have both ends at the incoherent interface/hollow surfaces, should leave vacancies if they change its finite length to
Dislocation ends re-connected => incoherency in Burgers vector
Edge like dislocation to cancel the discrepancy short/elongate in the narrow channel. This fact is universal if there is no cross slip, regardless the validity of the interatomic potential. On the other hand, the screw dislocation doesn't show the ring but bypass motion by cross-slip in the usual f 110g glide; however, it forms "entanglement" arount the incoherent oxide. These vacancies and entanglements around incoherent oxide would be related to the excellent properties of ODS steels against high temperature and radiation.
